Zirconium-based alloys Zircaloy-2 and Zircaloy-4 are widely used in the nuclear industry as cladding materials for light water reactor (LWR) fuels. These materials display a very good combination of properties such as low neutron absorption, creep behavior, stress-corrosion cracking resistance, reduced hydrogen uptake, corrosion and/or oxidation, especially in the case of Zircaloy-4. However, over the last couple of years, in the post-Fukushima Daiichi world, energetic efforts have been undertaken to improve fuel clad oxidation resistance during off-normal temperature excursions. Efforts have also been made to improve upon the already achieved levels of mechanical behavior and reduce hydrogen uptake. In order to facilitate the development of such novel materials, it is very important to achieve not only engineering control, but also a scientific understanding of the underlying material degradation mechanisms, both in working conditions and in storage of used nuclear fuel.
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INTRODUCTION
Zircaloy-2 (hereafter referred to as Zr-2) was originally developed to improve corrosion resistance of the Zircaloy-1 (i.e., Zr-2.5%Sn) [1] [2] [3] 5] . This goal was achieved by adding minor amounts of Cr, Ni, and Fe. It was used, with significant success, as the cladding material to retain nuclear fuel in boiling water reactors (BWRs) and, to a lesser extent, pressurized water reactors (PWRs). To avoid using very expensive "iodide" zirconium , zirconium sponge was recommended for alloying purposes; the Zr-2 chemical composition and the maximum level of allowable impurities (specified for reactor-grade material), are presented below, in wt.% [1, 6]: Zr-2: Zr, (1.2-1.7)% Sn, (0.07-0.2)% Fe, (0.03-0.08)% Ni, and (0.05-0.15)% Cr. The following level of impurities is allowed for Zr-2: Al -0.0075%; B -0.00005%; C -0.0270%; Cd -0.00005%; Co -0.0020%; Cu -0.0050%; H -0.0025%; Hf -0.0200%; Pb -0.0130%; Mg -0.0200%; Mn -0.0050%; N -0.0080%; Na -0.0020%; Si -0.0120%.
The principal goal of these alloying elements in Zr-2 was to neutralize the detrimental effect on corrosion resistance of the impurities, especially -nitrogen, aluminum, and carbon, [1, 6] . However, this alloy had a hydrogen uptake higher than the level required for work in pressurized light water reactors, [1. It is mostly for this reason that the Zr-4 alloy was developed, [1]. The principal thought was to eliminate nickel as it demonstrated the highest ability to serve as a hydrogen getter. Consequently, its alloy composition window was selected as follows: Zr-4: Zr, (1.2-1.7) % Sn, (0.18-0.24) % Fe, (0.07-0.13)% Cr. [7] . As a result, the hydrogen uptake was reduced almost by a factor of four.
One important issue that has not received attention in the literature is: what does the expression "hydrogen uptake" actually mean? Is this the amount of hydrogen that could be dissolved in the Zr-based solid solution at a given temperature, or the overall hydrogen distributed among solid solution, precipitates of second phases (typically Zr 2 M, FCC, and hexagonal C14 Laves phases [8, 9] ), and the hydride phase? If the former definition is correct, then the hydride solvus curve should be different for Zr-2 and Zr-4 as a function of temperature. If, on the other hand, the term "hydrogen uptake" is related to the rate of sorption of hydrogen in a given alloy, then one needs to understand the mechanism of such adsorption impediment for Zr-4.
The issue of hydrogen is closely connected to that of zirconium alloys oxidation. As it will be demonstrated below with atomistic simulations, the formation of certain oxygen bearing zirconium compounds, especially monoclinic ZrO 2 and suboxide Zr 3 O [10] [11] [12] , at the interface "cooling wateralloy surface" is critical to preventing hydrogen pickup. Under normal working conditions the primary source of hydrogen is radiolysis of water. Under catastrophic temperature excursions above 800°C, zirconium will be oxidized by water forming ZrO 2 and hydrogen. We will be concerned mostly with the conditions realized during spent nuclear fuel storage, so the temperature range of interest will be below 400°C.
In general, zirconium is thermodynamically unstable with respect to its oxidation process even at room temperatures [13, 14] . The necessary condition for the ZrO 2 formation is that the partial pressure of O 2 must be higher than the dissociation pressure of the ZrO 2 at a given temperature, [13] . Since this condition is satisfied even in deep vacuum, there will always be a thin layer of oxide on the surface, of the order of 2nm to 5nm. Another source of potential problems is the metastability of Zr and its alloys with respect to oxidation by fresh and/or spent nuclear fuel, UO 2 , [14] .
Consequently, in this paper a research effort was made to understand the following issues: (1). Construction of self-consistent thermodynamic models of hydrides for pure Zr, Zr-2, and Zr-4; (2).
Understanding the phase equilibria and thermodynamic properties in the Zr-O system and interaction of Zr-2 and Zr-4 with oxygen, paying special attention to the role of zirconium suboxides in the overall reduction of hydrogen pickup; (3) . Elucidating the role of microstructure in the reduction of hydrogen uptake; and (4). Providing specific recommendations on safe dry storage of spent nuclear fuel (SNF).
The paper is organized as follows. In Section 2, the employed computational methods, i.e., first principles atomistic simulations and computational thermodynamics of materials are described. Section 3 describes the equilibrium aspects of hydride formation in pure Zr, Zr-2, and Zr-4. Section 3 is devoted to the Zr-O system, its thermodynamic properties and phase equilibria. Special emphasis was made upon the protective role of Zr 3 O in reducing the hydrogen uptake in Zr and its alloys. In Section 4 conclusions and recommendations for future research are provided. 
OXIDATION AND HYDROGEN UPTAKE
Computational Methods
In this work, ab initio first-principles, density functional theory (DFT) -based calculations and computational thermodynamics of materials (CALPHAD approach -stands for CALculation of PHAse Diagrams), [22] [23] [24] ) were used. Their brief descriptions are given below.
Ab Initio Calculations
The supercell total energy calculations were based on the generalized gradient approximation (GGA) for exchange and correlation, and plane waves [15] . We used the GGA functional of Perdew, Burke, and Ernzerhof (PBE) [16] , which gives good results for chemisorption of molecules on transition-metal surfaces and similar processes. Projected Augmented Wave (PAW) scalar relativistic pseudopotentials [17, 18] , and the VASP code [19] were used. The energy cutoff for the plane-wave basis was set at 500 eV, and all integrations over the Brillouin zone were done using the Monkhorst-Pack scheme with four k points in the relevant irreducible wedge. Inclusion of additional k points was found to have minimal effect on the total energy differences of interest.
We used two hcp supercells containing 54 atoms (3 × 3 × 3 hcp unit cells) and 200 atoms (5 × 5 × 4 unit cells). For each supercell, we relaxed all the atomic positions until the quantum-mechanical force on each atom became smaller than 0.02 eV/Å. Activation barriers were calculated using the nudged-elastic-band method, [20] .
Computational Thermodynamics of Materials
The goal of computational thermodynamics is to establish a bridge between phase equilibria and thermodynamic properties of materials. To achieve that, one needs the conditions of equilibrium, as well as certain models for all solid, liquid, and gaseous phases participating in a given equilibrium. Even if such models are reliable and physically consistent, the problem of global optimization of the system free energy has to be solved. In turn, such problems require that significant computational power and efficient optimization algorithms are available to the researcher.
All of these conditions started to be realized in the beginning of the 1980s. Mats Hillert in Sweden (KTH) [22] supervised the development of the ThermoCalc and DICTRA software. Also, Hillert made very significant contributions to a number of useful thermodynamic models (theory of sub-lattices [22] , energy compound formalism, the concept of para-equilibrium, etc. [22] . Other models were developed for different types of systems, including model of ionic liquids used in this work. Lukas et al. [23] , Saunders and Miedownik [24] developed the generalized equilibrium conditions, (software BINGGS for binary systems). Liu used first-principles approach to obtain data necessary for thermodynamic simulations, [25] . Similar work developed, concurrently and independently, in Canada (A.D. Pelton and software FactSage) and in the US (the late Prof. Austin Chen, software PANDAT). As a result, it became possible to provide self-consistent descriptions of phase equilibria in multi-component systems and thermodynamic properties of materials [22] .
In this work, commercial databases for zirconium alloys TTZR1 (ThermoTech Ltd.) and binary alloys TCBIN (ThermoCalc AB) were used. These databases and the ThermoCalc ver. S software were used to generate data on the thermodynamic properties of hydrides, in particular, partial molar enthalpy and entropy of hydrogen. The obtained results were consistent with the constructed phase diagrams and property diagrams. All results were critically evaluated in light of the existing experimental data.
Results and Discussion
2.2.1
Zirconium Hydrides and Hydriding of Pure Zr, Zr-2, and Zr-4
The formation of hydrides and the problem of hydriding were studied very extensively, [1-3, 26]. First principles calculations of the equilibrium crystalline lattice parameters, free energy of formation at different temperatures, and the phonon density of states were discussed by Blomquist and by Zhu et al., [35, 36] . A detailed overview of the problem of hydrogen solubility in Zr and its alloys was provided by Anghel [13] . The principal reason of this interest is that the formation of zirconium hydrides may cause such undesirable phenomena as hydrogen embrittlement and reorientation of hydrides during storage that may be detrimental to the overall mechanical properties of the fuel during transportation and handling prior to disposal [37] [38] [39] [40] [41] [42] [43] [44] [45] . Consequently, efforts were made to reduce hydrogen uptake via changes in alloy chemical composition, development of different coatings, thermo-mechanical treatments optimizing alloy microstructure (size distribution and number density of second phase particles, or SPPs) etc. [13] , This becomes even more important as fuel burnup is extended. As burnup increases, so does the amount of radiation damage to the clad and more hydrogen is taken up by the clad [46] . This can affect the mechanical properties of the clad.
Zhang and Norton [47] have concluded that the maximal hydrogen uptake sites are located on grain boundaries and/or interfaces that facilitate heterogeneous nucleation of hydride compounds. Hydrogen tends to segregate to surfaces and interfaces (grain boundaries, cracks and other defects) in Zr. These hydrogen-rich areas are possible nucleation sites for hydrides. Moreover, oxygen in the α−Zr matrix facilitates hydrogen segregation to the surfaces, [47] . Understanding the role of the different zirconium oxides and suboxides in the reduction of hydrogen uptake was the most important goal formulated in this study.
The equilibrium crystalline structures of hcp-Zr and its three hydrides are depicted in Figures 1 and 2 , respectively. In all cases, the equilibrium lattice parameter(s) were determined by total energy relaxation technique of the lattice parameters and corresponding atomic positions. The transport properties (diffusion) of hydrogen and oxygen atoms in Zr are directly related to the relatively large interstitial space that could be occupied by these atoms that are nearly "free" energetically in those spaces. Figure 2 shows the relaxed atomic structures for the equilibrium positions of O and H atoms in the Zr hcp structure. Oxygen always goes into octahedral interstitials because any other possible location will inevitably damage the Zr crystalline network and cause local rearrangement of Zr atoms. Neutral hydrogen atoms may also go into octahedral interstitials (interaction energy of H atom with Zr network is below 0.1 eV, i.e., almost negligible). However, it can also position itself in the middle of Zr-Zr bonds. In the latter case, hydrogen damages the Zr network by forming asymmetric Zr-H-Zr bridges or even attaching itself to only one Zr atom and leaving dangling bond defect at another Zr atom. However, this "damage" is not that significant as it would be if oxygen atom were placed in a similar position -the energy of Zr-H-Zr configuration is only 0.5 eV higher than that of the interstitial configuration. It means that although H would energetically prefer to be located at an interstitial position, metastable Zr-H-Zr configurations are also possible if the process is driven kinetically. There are three distinctly different types of zirconium hydride structures described in the literature: γ−ZrH; δ−ZrH 1.66 (which was modeled in this work as ZrH 1.5 ) and ε−ZrH 2 [35] . In Figure 3 we present the results of our first-principles calculations yielding the three energy-relaxed crystal lattice structures. The space groups of these hydrides are Cccm; Fm3m; and I4/mmm, respectively. It can be seen that very minor lattice distortions caused by the hydrogen atoms result in the change of the symmetry group(s) and in the value(s) of the lattice parameter(s) as one moves from one hydride to another. These results were obtained using a standard energy minimization procedure and agree well with the existing experimental data.
In Figure 4 the results of our thermodynamic modeling of the Zr-H phase diagram are presented and compared to the existing literature data, [48] . Figure 4 (a). Calculation using ThermoCalc; (b) experimental phase diagram [48] . Both diagrams agree well in establishing the phase fields of the δ-and ε-hydrides with homogeneity ranges on the basis of the stoichiometric compounds ZrH 1.5 (experimentally established value is ZrH 1.66 , [35] ).
The values of the Gibbs free energy computed at T=800 K are illustrated by Figure 5 ; these values lie in the range from -20,000 J/mol to ~ 8,000 J/mol. This reference range will be useful when we discuss existing data on partial molar enthalphy of hydrogen in different zirconium alloys, as well as for determining the driving forces of hydride formation, -the corresponding look-up tables could be used for phase-field calculations of zirconium hydride microstructure evolution. The magnified diagram for the hydrogen mole fraction varying from 0 to 0.1 is given in Figure 6 . It provides an estimate of the hydride dissolution temperature as 550°C corresponding to ~0.054 mole fraction of hydrogen. Also, a distinctive feature of this diagram is the retrograde solubility above 550°C, with a minimum corresponding to ~600°C. Again, these results correspond well to the existing experimental data [28, 30, and 48] .
Proceeding in a similar way, we constructed the quasi-binary Zr-2 -hydrogen and Zr-4 -hydrogen property diagrams. Sometimes such diagrams are called isopleths as they correspond to the case of constant sum of concentrations: (n Zr + n H = const), thus allowing variation of the hydrogen concentration at the expense of zirconium, the principal alloying element. It is important to mention that in both equilibrium diagrams there are such phases present as Zr 4 Sn; Zr 7 FeSn 2 , and Zr 3 Fe, in addition to Zr 2 M and hydride phase. However, Zr 4 Sn and Zr 3 Fe have not been discovered in the equilirium microstructure of both alloys.
Experimentally, microstructural characterization of alloy Zr-4 was conducted by Vandersande and Bement [49] . These researchers identified the second phase particles in an annealed Zr-4 sample to be primarily the hexagonal, Laves-phase C14 Zr(Fe, Cr), type. Krasevec [50] found both hexagonal and fcc Zr-and Cr-bearing precipitates, in an annealed Zr-2 sample. Mukhopadhyay et al. [51] observed fine precipitates of the two types: cubic Zr 2 (Cr,Fe) with a hexagonal C14 type structure (structural type MgZn 2 ) and the cubic C15-structure (prototype MgCu 2 ).
Rao and Bangaru [52] studied the microstructures of heat treated samples of Zr-4 to understand the microstructural basis of nodular corrosion. These workers used samples annealed from the beta-phase field, as-received, and samples with microstructure on the basis fo the alpha-Zr. It was established that the first group of the samples possessed the best corrosion response. An advanced synchrotron study of second-phase particles (SPPs) in bulk zirconium alloys was conducted recently by Erwin et al., [53] .
The list of equilibrium phases that can be taken into consideration in the TTZR1 database, includes both the hexagonal C14 Laves phase and the C15 cubic phases, but these phases were not observed in our equilibrium calculations.
The presence of the several compounds not found in experimental phase diagrams poses a question: should we determine the hydrogen solubility from these diagrams, or from metastable diagrams in which such phases as Zr 3 Fe; Zr 7 FeSn 2 ; Zr 4 Sn get the status of "suspended?" We studied both possibilities. In fact, as far as the hydride solvus and the temperature of hydride dissolution reaction are concerned, we get results almost identically similar to those for the pure Zr-H phase diagram. The temperature of the hydride dissolution reaction was 551°C for Zr-2 and 552°C -for Zr-4. Given the experimental error in determining the temperature of phase transformation is of the same order, we can conclude that these results are identical.
On the other hand, if we construct metastable phase diagrams as described above, then the highest solubility point (for hydrogen in Zr) shifts toward lower values, i.e., for both alloys ~0.034 hydrogen mole fraction. The temperature of the non-variant reaction remains the same, i.e., ~550°C.
This latter assumption contradicts the experimental evidence presented in [28] and in [30] that the equilibrium solubility maximum for Zr, Zr-2, and Zr-4 remains practically the same. In our calculations, it was around 0.058 hydrogen mole fraction for pure Zr; 0.056 -for Zr-4; and 0.054 -for Zr-2.
The thermodynamic properties evaluation for the Zr-H system was limited to the partial molar enthalpy of hydrogen in the alpha-and beta-phases. This property is very sensitive to the formation of different complexes and tendency to atomic ordering or segregation. Besides, it was evaluated experimentally and reported in at least two articles [30, 54, and 55] .
The partial molar enthalpy of hydrogen in the binary Zr-H system was assessed according to the well-known expression [22] :
(1-1)
In expression (1), H m stands for the molar enthalpy of the system; x(Zr) represent the molar fraction of zirconium, and H H is the partial molar enthalpy of hydrogen for different phase fields of the diagram at 650°C.
The values of partial molar entropy of hydrogen were calculated using the following expression:
In expression (2) the chemical potential of hydrogen, μ(H), is assessed with respect to its references state [22] . Figure 8 . Partial molar enthalpy of hydrogen in different phases as a function of the x(H)/x(Zr) and its comparison to experiment [54] and the results of thermodynamic computations in [55] .
The agreement between our results and the results reported in [54, 55] is quite good. At the same time, the experimental results reported in [23] give values of H H one order of magnitude lower. For example, it was reported that for pure Zr, at temperature 650°C, H H is around -260 kJ/mol. These results are difficult to reconcile with the ones reported in [54] and in this study. For alloys Zr-2 and Zr-4 somewhat lower values were obtained in [23] : -250 kJ/mol for Zr-4, and -240 kJ/mol for Zr-2. In this work, it was problematic to conduct the assessment of thermodynamic properties because of the presence of equilibrium phases that were not observed experimentally in past work. [16] ; black solid line -the results of thermodynamic assessment in [55] and experimental work [54] .
The results for partial molar entropy of hydrogen are presented in Figure 9 below. There is a qualitative agreement between the experimental data reported in [54] and our calculations. There is a significant shift in the absolute value of (-S H ). However, partial molar entropy, being a second derivative of the Gibbs free energy with respect to concentration and to temperature, is notoriously unstable with respect to small errors in the input experimental information. Suffice it to say that in [23] the values of different sign were reported for the partial molar entropy of hydrogen of the alpha-phase. This implies only that the reassessment of the Zr-H diagram should be done to get a better agreement for nuclear Zr-bearing alloys.
Oxidation
Zirconium-based alloys represent the main structural materials used in light water cooled nuclear reactors (PWRs and BWRs). For these materials, the formation of a thin oxide layer with long-term kinetic stability in working reactor conditions is very important [1] . A detailed study of the diffusion of oxygen in zirconium was published by Cox, [56] .
When atoms of hydrogen or oxygen occupy interstitial lattice positions between atoms of a zirconium, they form a solid solution(s). In the case of oxygen, its solubility in zirconium is quite large, about 29 at% at ambient temperature [57] . This is a consequence of the relatively large size of the octahedral sites in the hcp lattice (see Figure 1) . The 29 at% of oxygen approximately corresponds to filling from 1/4 to 1/3 of interstitials in each layer of the hcp structure. One could expect that when this critical concentration of dissolved oxygen is reached, oxygen atoms and remaining interstitials will start to form some ordered structures, which results in significant reconstruction of hcp network and the onset of zirconium oxide formation. This is indeed the case [4, [58] [59] [60] , and the significance of such order-disorder transformations for the reduction of hydrogen uptake will be discussed below.
There are several crystallographic modifications of ZrO 2 . One is monoclinic, with the space group P2 1 /c and four atoms per unit cell. The lattice parameters (in Å) are a = 5.1501(2); b = 5.2077(2); and c = 5.3171(2). It does not have oxygen deficiency, i.e., the monoclinic modification is stoichiometric. This is the low temperature modification of ZrO 2 present in nature as a rare mineral, baddeleyite. The tetragonal modification is characterized by the space group P4 2 /nmc, [60] and lattice parameters a = 3.6067 Å; b = 3.6067 Å; and c = 5.1758 Ǻ, [61] . The occupancy factor for oxygen atoms in the tetragonal modification is ~0.984. This implies the tetragonal modification has an oxygen deficiency of δ = 0.031. It is for this reason that stabilization of zirconia is necessary with lower valence oxides such as Y 2 O 3 . Finally, there is a cubic zirconia modification, FCC_C1, with space group Fm-3m, and lattice parameter a = 5.09 Å. The experimental and calculated Zr-O phase diagrams are presented in Figure 10 below. We computed this phase diagram with the ThermoCalc software and using the TTZR1 and TCBIN databases by ThermoTech Inc. and ThermoCalc AB, respectively. It can be seen that there is practically a one to one correspondence between the two diagrams. It should also be noted that the model of ionic liquids was used in this work to represent the behavior of the liquid phase. The results of calculation of the partial molar enthalpy of hydrogen in different phases at 650°C are presented in Figure 11 . Figure 11 . Partial molar enthalpy of oxygen: experimental data [62, 63] , the results of assessment in [64] , and the present work.
This last calculation is a good test for the physical sense of the model. Indeed, the partial molar enthalpy of the beta-phase is higher than that of the (alpha + beta) phase field. As it was demonstrated in [64] , if Henry's law is followed for the beta phase, then the following relation must hold up to the point of maximum oxygen solubility (saturation):
Then, for the partial molar enthalpy of oxygen within the beta phase we will get [64] : (2-4) Looking at the experimental and computed phase diagram of the Zr-O system, we observe that dX O / dT > 0, i.e., the partial molar enthalpy of oxygen for the (beta + alpha) region must be smaller (more negative) than that of the alpha-region, [64] .
As described in the literature, two distinct oxidation periods have been observed for Zr, pre-transition and post-transition [1]. The pre-transition period is characterized by a decreasing oxidation rate and an adherent, protective film with a shiny black appearance. During the post-transition period a constant but greater oxidation rate was observed, and a less protective film formed that had a white flaky appearance. The time required to reach transition is both temperature and time dependent [1].
This change in coloration could serve a possible qualitative indicator of the undesirable transition from ZrO 2 to Zr(OH) 4 *nH 2 O. Indeed, in the precious and semi-precious stone industry a process of blackening of metallic zirconium is described, which results in beautiful shiny black coloration [65] . The raw piece is made of pure zirconium, which is then subjected to heating in a controlled oxidizing atmosphere. During this process the color changes to bronze, then to blue, then to yellow and other colors as the heat-up continues according to a prescribed thermal schedule. The initial very pure blue color is caused by the constructive interference of the light waves. As the process continues, the continuing oxidation results a second order of colors that is formed over the first, and so on. Eventually, as the oxide layer gets thicker, shiny black surface appears. These changes in coloration could be explained similar to an earlier effort by the authors to describe omni-directional coloration of metals via light scattering from textured metallic surfaces, [65] .
On the other hand, hydroxides of Zr(OH) 4 *nH 2 O are more flaky and white, [66] . This provides a possibility to measure the degree of oxidation of the underlying Zr-alloy nuclear fuel clad using a photo colorimeter.
While the phenomenon of zirconium oxidation / corrosion is very complex, the factors affecting it have been studied extensively. In particular, it is known [1] that impurities such as nitrogen, carbon, and aluminum have a pronounced deleterious effect on the corrosion resistance of Zr-2.
Heat treatment and Irradiation also affect corrosion of Zr quite substantially. Detailed synchrotron studies of second phase particle SPP precipitation and dissolution as a function of irradiation dose were reported in [67, 68] . For example, Rudling and Wikmark established that there is an optimum range for size distribution and composition of SPPs, which is correlated with the exposure conditions. They reported optimum size distributions for SPPs in the range of approximately 25-175 nm for BWR conditions. Optimum SPP Fe/Cr ratios of 0.6-1.2 and Fe/Ni ratios of 0.9-1.0 have also been found [69] .
Porosity development in the oxide layers generates easy diffusion pathways for molecules during oxidation. A considerable contribution of molecular oxygen to total oxygen transport in zirconia has been observed at temperatures up to 800°C. Effective pore sizes in the nanometer range were found for pre-transition oxides on Zircaloy-2. Inward oxygen transport can be promoted by oxygen dissociating elements such as Fe-containing second phase particles. The results suggest furthermore that a proper choice of the second-phase particles composition and size distribution can lead to the formation of dense oxides, which are characterized by low oxygen and hydrogen uptake rates during oxidation.
Concerning oxygen diffusion via grain boundaries, differences of several orders of magnitude between grain boundary conductivity and the conductivity inside the grains have been reported (grain boundary diffusion >> diffusion via/in grains) [70] . For oxide scales grown on Zr-based alloys at temperatures around 400°C, two crystallographic phases of zirconia have been reported: monoclinic and tetragonal. The monoclinic phase is stable at low temperatures and is, as expected, the dominating phase in the oxide scale (see the Zr-O phase diagram in Figure. 10 ). The tetragonal phase can also be found close to the oxide/Zr(O) interface (stabilized by the high compressive stress and grain size < 30nm) and within the oxide scale near the interface between the partially oxidized intermetallics and the bulk oxide. The oxygen vacancy concentration in zirconia, which influences the transport of oxygen through the oxide lattice, is higher in the tetragonal phase (2-3 mol %) than in the monoclinic phase (<2 mol %). The tetragonal → monoclinic phase transformation takes place with a volume increase of about 7% and has a significant impact on the corrosion behavior of Zr-based alloys [71] .
In [72] , it was established that the second-phase particles, or SPPs, have a high affinity for hydrogen and act as short-circuit pathways for hydrogen transport through the oxide protective layers. Hydrogen can easily diffuse through these thin oxide scales via metallic SPPs towards the metal substrate.
An interesting feature of the crystalline Zr at room temperature is an efficient repelling of interstitial atoms (H or O) from each other. The collective behavior of interstitial oxygen atoms in hcp-Zr was recently described by Ruban et al. [73] . Their calculations indicated that although interstitial oxygen atom produces just a minimal shift of the surrounding Zr atoms, it is energetically unfavorable (by about 0.5 eV) when two O atoms occupy any neighboring interstitial positions. The authors of [73] later used these atomic-scale energies in their Monte Carlo simulations of thermodynamically preferred interstitial configuration(s). We repeated these calculations and confirmed their validity. On this basis one could hypothesize that before the complete reconstruction of Zr network, oxygen might form an intermediate "checker board" configuration, and in each layer the maximal atomic concentration of oxygen would be 25 %. This is quite close to the experimental value of 29 at. %, and to the Zr 3 O stoichiometric suboxide [4, [58] [59] [60] . The discrepancy in the numbers may be explained by the kinetic effects that were not taken into account in this study. For even larger oxygen concentrations, the Zr-O structure should undergo a total reconstruction, and further oxidation will eventually result in the formation of the ZrO 2 .
Another interesting feature of the α−Zr structure is an impossibility of more than one atom (hydrogen or oxygen) to stay in one interstitial position. Figure 12 shows the relaxed atomic configuration for hydrogen molecule placed in a Zr octahedral interstitial; the two hydrogen atoms could not "coexist" in one octahedral interstitial position and eventually move to different interstitials. Therefore, one cannot expect hydrogen gas formation and/or hydrogen blistering as is observed at Al/Al 2 O 3 interfaces; also, one cannot expect that hydrogen molecule could be positioned as a whole (as in Si and/or SiO 2 ) into hcp Zr crystalline lattice. At low oxygen concentrations hydrogen is unlikely to form any additional complexes except reconfiguring Zr network by forming asymmetric or broken Zr-H-Zr bonds. Oxygen and hydrogen atoms also repel in the Zr hcp network. Figure 13 demonstrates how the energy relaxation of the original configuration for H and O complex actually takes place. Initially, an oxygen atom was positioned in the middle of an octahedral interstitial, while the H atom was positioned close to the neighboring Zr-Zr bonds. Relaxation forces these two atoms to move into the neighboring interstitial position instead of forming a complex within one interstitial. This is understandable; oxygen is strongly electronegative and has tendency to oxidize Zr (pull electrons away from neighboring metal atoms). Hydrogen in Zr solid solution exhibits negative valence and tends to form zirconium hydrides. Apparently, oxygen is a much stronger oxidant than hydrogen, and when oxygen is present in some interstitial, hydrogen positioned in the vicinity has no chance to find electrons at the surrounding Zr atoms. Therefore, it cannot attach itself to surrounding metal atoms and redirects itself into a neighboring interstitial that is still not occupied by oxygen. , O is arranged in such a way that it does not occupy any two nearest neighboring interstitials. In the second layer (O atoms shown in pink), the intra-layer configuration should be similar. However, it has to shift with respect to the configuration in the first layer because we should avoid neighboring O atoms in the direction parallel to the (0001) axis of the hcp structure. In the second layer, oxygen could occupy interstitials of the type 3 and 4 with the same probability. In the third layer, several possibilities to arrange O atoms in checkerboard structure become available again, and so on. An important conclusion that comes from such a construction is that after several layers of octahedral interstitial are occupies with oxygen in concentration close to the critical (25 at. %), all the direct paths through hcp structure oriented along the (0001) direction for hydrogen atoms will be blocked by shifted checker board oxygen layers, and in order to migrate in the structure, any additional hydrogen atom will need to migrate not only in the (0001) direction but also laterally within the hcp Zr layers.
Suboxides of Zirconium
Suboxides of transition metals such as titanium, zirconium, vanadium, etc., were discovered in the early 1960s [4, [58] [59] [60] . At temperatures between (about) 300°C and 900°C various ordered phases have been reported [5] . Octahedral interstitial ordering of oxygen increases the microhardness [58] and embrittlement [74] , and therefore, promotes stress corrosion cracking. However, as it will be demonstrated later, oxygen can be very beneficial for reducing the hydrogen uptake under certain conditions, [71] .
Order-disorder transitions in the zirconium -oxygen system were studied using heat capacity measurement for alloys with O/Zr ratios of 0.16 and 0.24 at 200°C -700°C [75] ; and alloys with O/Zr ratios of 0.0, 0.10, 0.13, and 0.24, at 52°C -632°C. In particular, a high degree of long-range ordering was achieved in samples that were cooled from 350°C to 250°C, during a period of about one month. This clearly indicates that a high mobility of oxygen is observed in the α−Zr matrix even at such modest temperatures [61] . These temperatures are directly relevant to the conditions of the used nuclear fuel storage and so is the formation of sub-oxides.
Inside the metal, oxygen is randomly distributed in octahedral interstitial positions up to a concentration of 0.33 mole fraction of O. Yilmazbayhan et al. [76] identified the formation of ordered suboxides (Zr 3 O) at the oxide / α−Zr interface underneath the oxide and ahead of the oxidation front, by using microbeam synchrotron radiation diffraction. Oxygen uptake has a hardening effect on the Zr matrix, this effect is actually used in one of the novel Zr-Nb-O nuclear alloys, "M5 TM ". Cox [5] established that at temperatures around 400°C, less than 10% of the reacting oxygen is expected to dissolve into the metal substrate. He proved experimentally that preferential dissolution of oxygen, from the already formed oxide layer, takes place along the grain boundaries of Zr accompanied by the formation of arrays of pores in the oxygen-depleted grain boundaries (oxide) just above the metal substrate. These defective grain boundaries are possible open porosity development sites.
A clear correlation was found between oxide-metal interfacial microstructure and protective nature of the oxide (when interfacial structure is present, oxide is protective, when it is not present, oxide is not protective) [10-12, and 76] . The structure of the oxide-metal interface is of great interest to understanding the mechanism of oxide growth and the differences between the protective and non-protective oxides. As it was demonstrated in [10] [11] [12] , the protective alloys always exhibit extra peaks in the diffraction scans obtained near the oxide-metal interface region. These peaks have been associated with two different phases found in that region in the protective oxides:
A highly oriented tetragonal phase that has been hypothesized to be a crystallographic precursor of the monoclinic phase observed in the bulk of the oxide.
(ii)
The formation of the sub-oxide phase Zr 3 O. This phase has also been seen at the oxide-metal interface by various researchers in oxides formed in Zr alloys at low temperature [77] [78] [79] [80] [81] [82] . In particular, the diffraction pattern from synchrotron radiation shows strong Zr 3 O peaks in a two to three micron region next to the oxide-metal interface corrosion.
Summarizing these results, characteristic differences seem to exist in the oxide-metal interface regions of protective and non-protective oxides. In particular, the presence of two interfacial oxide phases, a highly oriented tetragonal phase and a sub-oxide phase was associated with protective behavior uniform is deemed critical for the reduction in hydrogen pick-up. These results stimulated further first-principles calculations aimed at understanding the atomic mechanisms of such protection. These results are presented in the next Section.
Interstitial Oxygen and Hydrogen Solid Solutions
To understand the migration mechanisms of hydrogen in zirconium suboxides, migration barriers for oxygen and hydrogen in interstitial solid solutions were calculated using the nudged elastic band approach [83] . It was established that, unlike in pure Zr, inside the zirconium suboxide lattice the migration barrier for moving oxygen atom from one octahedral interstitial to another is very high (>2 eV). In turn, this implies that oxygen atoms are not mobile at moderate temperatures (below 600 -800 o C). A high migration barrier for oxygen in a suboxide is not surprising; it follows immediately from the simple geometric arguments (comparison between Zr-O and Zr-Zr bond lengths). Indeed, while an oxygen atom is put in some octahedral interstitial, it will stay there before either the temperature increases or the hcp Zr network significantly changes due to increase of oxygen atoms concentration above the critical value that hcp network can still tolerate. From the thermodynamics point of view, the checkerboard oxygen ordering ( Figure 14) is energetically favorable. However, if because of kinetic reasons two oxygen atoms will become neighbors, their rearrangement towards an energetically favorable configuration will develop on a very slow time scale. Therefore, because of kinetics we could expect checkerboard distortions in the "real" suboxide systems.
Apparently, ordering of low-mobile oxygen atoms in Zr 3 O changes the dynamics of hydrogen propagation through this class of materials. Assuming that the hydrogen concentration gradient is directed along the (0001) axis, the following two modifications of the original hcp Zr matrix by oxygen are realized. First, the oxygen checkerboard arrangement shuts down "vertical" channels for hydrogen propagation along the (0001) axis. Moving along each of these, originally preferable migration paths, hydrogen will interact inevitably with oxygen atoms (this interaction is repulsive) positioned along this path. It means that the trajectory will be different than a straight line, i.e., it will become longer by necessity. Secondly, migration barriers for hydrogen between two octahedral interstitials increase when an oxygen atom is present in the neighboring interstitial. In the absence of oxygen, the migration barrier between two interstitials was determined to be about 0.6 eV, in agreement with earlier calculations. On the other hand, when oxygen is present in the neighboring interstitial, this barrier increases to 0.9 eV. Therefore, in addition to increasing the length of hydrogen migration paths, a presence of oxygen increases hydrogen migration barriers. Both factors are unfavorable for hydrogen migration and it explains why hydrogen will propagate slower in Zr 3 O than in pure zirconium.
Another interesting observation is that in the vicinity of oxygen atoms trapped in octahedral interstitials, hydrogen might migrate by another mechanism, namely through the middle of Zr-Zr bonds. In such a case, H atom distorts the Zr-Zr bond, forms the asymmetric Zr-H-Zr configuration, and eventually may break the original Zr-Zr bond. This process might be considered a precursor to the formation of stoichiometric hydride. Bond breaking will modify the hydrogen migration process even further, in favor of its' slowing down.
CONCLUSIONS AND RECOMMENDATIONS
In the first part of this report we presented the results of computational thermodynamics and first-principles atomistic studies of the processes of hydrogen uptake and corrosion of zirconium and its alloys, including the detailed calculations of the Gibbs free energy of the competing phases in the Zr-H system at different temperatures (see Appendix). It was established that for pure Zr, alloys Zr-2 and Zr-4 the differences in hydrogen uptake could not be explained using thermodynamic arguments as the hydrogen solvi and hydrogen saturation points were practically the same in all three materials: temperature of hydride dissolution 550°C and ~0.056 hydrogen molar fraction. A conclusion was made that to understand the mechanisms of reduced hydrogen uptake rates, it was necessary to understand the kinetics of the hydrogen diffusion process and the role of the Zr 3 O suboxide forming underneath the layer of ZrO 2 at the depth of about 2 to 3 microns. This work was done using the first principles calculations, which demonstrated that the formation of Zr 3 O seems to be critical for reducing hydrogen diffusion of bulk Zr alloy. In turn, this implies that the cladding temperature in storage should not exceed 360°C, when the disordering reaction takes place accompanied by the formation of the disordered Zr-O solid solution. This conclusion is based upon the detailed analysis of the corresponding portion of the Zr-O phase diagram and our first-principles atomistic calculations.
These results have direct application to phase-field simulations of the zirconium hydride microstructure evolution and reorientation (data on the driving forces for hydride formation in the form of a look-up table).
More accurate modeling by kinetic Monte Carlo simulations of these order-disorder transformations and their role in slowing down the hydrogen uptake in nuclear zirconium alloys would have important implications for drying and, possibly even, alloy development.
Also, a detailed work on the development of self-consistent phase diagram region corresponding to these transformations should be conducted on the base of data generated from first-principles calculations on the temperature dependence of the free energy of the suboxide formation and not the semi-empirical Miedema rules, [64] .
2.2.6
Figure A1 Thermodynamic properties of different phases at T=300°C
